Interfaces and their interactions with other microstructural features, such as grain boundaries or twin structures, have been widely viewed as parameters for designing metallic nanolayers. These interfaces could play a role in hindering cracks from propagating across the nanolayers while in operation. To date, many studies have focused on the roles of interfaces in affecting the plasticity mechanisms and thus the deformability of nanolayers. However, no studies have investigated on the subsequent mechanisms of fracture leading to the final failure. In this study, in situ microfracture bending tests inside a scanning electron microscope (SEM) were performed on the notched clamped beams of Cu/Nb nanolayers with a similar layer thickness using two different fabrication processes: physical vapor deposition (PVD) and accumulative roll bonding (ARB). Due to the columnar grains of the Cu/Nb PVD beams, a sudden catastrophic linear elastic, brittle fracture phenomenon was observed; in the Cu/Nb ARB beams, fracture events of notch widening phase and crack initiation and fracture along the shear instability were observed. Detailed examinations showed the presence of competing mechanisms between the multilayered interface, columnar grain boundary, and experimental factors of beam geometry and the position of the tip. With this newfound knowledge, new types of metallic nanolayers can be designed with enhanced strength and fracture resistant properties.
Introduction
Over the past decade, the mechanical properties of nanoscale metallic multilayered materials, in particular, Cu/Nb, have been studied extensively to determine their extraordinary flow strength [1, 2] , thermal stability [3, 4] resistance to radiation and shock extremes [5, 6] , and deformability [7, 8] . They have also been identified as potential candidates for strain sensors due to the linear relationship between resistivity and strain [9] . These enhanced properties have been attributed to the interfaces between two constituent layers as the individual layer thickness shrinks to the nanoscale. The Kurdjumov-Sachs (K-S) oriented Cu/Nb interface is an atomically flat interface with a low energy ordered configuration despite the 11% lattice mismatch between the Cu and Nb atoms [10, 11] . However, even with this mismatch, these Cu/Nb multilayers with nanoscale individual layer thicknesses have been found to outperform their bulk constituents on various mechanical properties due to the unusually high density of the interfaces accumulated in the layers during experimentation [12, 13] . Additionally, these interfaces were found to contain excellent sites for the recombination and annihilation of defects leading to a 'self-healing" interface [6, 14] .
The interfaces in nanolayers can be varied with different crystallographic orientations through their fabrication process. Traditionally, multilayered films are made through the physical vapor deposition (PVD) process of either magnetron sputtering or electron beam evaporation up to a few microns on a silicon or sapphire substrate [12, [15] [16] [17] . The grains from this technique are columnar. For multilayered films, the height of the grains is limited by the layer thickness of the films and the width of the grains is determined by the deposition rate and temperature. For Cu/Nb FCC/BCC nanolayers made by PVD on silicon < 100 > , the {111} Cu || {110} Nb, K-S or Nishiyama-Wasserman (N-W) crystallographic orientation interfaces are created with no intercolumnar porosity [18] . Accumulative roll bonding (ARB) is a more recent technique that involves repeated operations of rolling, cutting and restacking and bonding to form a single sheet of material [19, 20] . Due to the accumulative rolling processes, this fabrication path allows very large strains to be imparted to the materials, thereby https://doi.org/10.1016/j.msea.2018.09.094 Received 27 March 2018; Received in revised form 22 September 2018; Accepted 24 September 2018 creating faceted, ordered structures. This fabrication path also uniquely produces rather distinct interface morphologies and defect characteristics in the rolling direction (RD) in comparison to the transverse direction (TD). Radchenko et al. [21] recently quantitatively described the roles of interface shear strength in these two directions (RD vs. TD) in ARB-fabricated Cu/Nb nanolayers. In situ beam-bending experiments inside an SEM coupled by modeling using finite element methodology (FEM) were performed to simulate the evolution of beam-bending stresses in the Cu/Nb nanolayers. While differences in the two directions and their effects have been predicted using molecular dynamic modeling [22] , Radchenko et al. provided experimental evidence using the in situ technique (which is the same technique and capability used in the present study). With this fabrication path, the individual layer thickness can be easily refined and controlled with increasing strain. Cu/Nb ARB interfaces have been found to be mainly oriented as {112} < 111 > Cu || {112} < 110 > Nb using the heterophase interface characterization distribution and electron backscatter diffraction techniques [23] .
Due to these different interface morphologies and defect characteristics, the mechanical properties of Cu/Nb PVD and ARB nanolayers were also found to be different through nanoindentation and micropillar compression experiments [1, 7, 8, [24] [25] [26] [27] [28] [29] . The average hardness values of the Cu/Nb ARB nanolayers decreased by 15-25% in comparison to Cu/Nb PVD nanolayers of equal thickness [1, 27] . Furthermore, both the Cu/Nb PVD and ARB nanolayers exhibit different interfacial shear strengths due to their crystallographic interfaces. These differences have been observed through micropillar compressions for Cu/Nb PVD (5 nm, 20 nm, 40 nm) [7, 8, [24] [25] [26] vs. Cu/Nb ARB (7 nm, 16 nm, 18 nm, 34 nm, 63 nm) [7, 8, [24] [25] [26] vs. Cu/Nb ARB (7 nm, 16 nm, 18 nm, 34 nm, 63 nm) [1, 28] . The Cu/Nb PVD pillars had a maximum flow strength at about 0.15 strain followed by strain softening over large strains whereas the ARB pillars increased in strength and eventually fractured at a lower true strain of 0.1 with minimal softening for thicknesses less than 34 nm. Interfacial sliding was observed for Cu/Nb PVD pillars due to the low resistance to shear of the Cu/Nb PVD interface. Upon the formation of a single concentrated shear band, the Cu and Nb layers locally reoriented causing an increase in the resolved shear stress on the interface planes [26] . The Cu/Nb ARB interface is about 2-5 times stronger in shear [22, 29] . Consequently, the micropillars failed due to the mechanism of diffused shear banding with no interfacial sliding. Microbanding occurs within the Cu layers, which results in shear banding followed by fracture [30] . Thus, the nanoindentation and micropillar compression studies can distinguish between the effect of the crystallographic interface on the mechanical properties of nanolayers.
Early work on fracture in nanolayers focused on cracks along the interface to understand the damage resistance or delamination between the layers during the fabrication of nanoscale multilayers. Lashmore and Thomson [31] did early experimental work on the fracture of Cu/ Ni multilayers of layer thickness 10 nm with a notch along the interface and observed a Mode II brittle fracture due to the misfit dislocation interactions between the crack and multilayer interface. The generated misfit stresses amount to a giant Peierls friction stress with the deformation zone highly localized at the crack tip. Continued emission of dislocations was suppressed by their proximity around the crack tip, and this scenario favored a transition to a brittle, cleavage behavior through elastic theory and nonlinear atomistic modeling observations by Anderson et al. [32] .
During in situ transmission electron microscope (TEM) tensile testing of Cu/Nb PVD 40 nm freestanding multilayered films along the layers, the material exhibits flow stress of 1.55 GPa and elongation to failure of 3.4%. Its fracture surface reveals evidence of ductile fracture with little necking occurring before failure with cracks along the grain boundaries within the layers [33] . Hattar et al. [34] observed the fracture behavior from an initial fabrication crack during the in situ TEM tensile straining experiment of Cu/Nb 60 nm/150 nm multilayers and this fracture was attributed to be due to confined layer slip within the layers containing and preceding the crack tip. They observed four crack hindrance mechanisms -microvoid formation, crack deviation, layer necking and crack blunting. Zhang et al. [35] did uniaxial tensile tests up to 10% strain of Cu/Nb multilayers on polyimide substrates from 5 nm to 125 nm layer thickness and observed layer thickness dependent fracture mode transition from opening mode to shear mode as the layer thickness was decreased. This transition of fracture mode was controlled by the constraining effect of the ductile layer (Cu) on the brittle layer (Nb) with layer thickness. Upon further straining, Wu et al. [36] observed the buckling and fracture behavior of the same films where the buckles are initiated at approximately 10-15% tensile strain with straight cracks at the apex of the buckles.
These experimental studies have shown that the multilayer interface plays a crucial role in the resulting mechanical deformation and fracture depending on the individual layer thickness of the nanolayers. However, real-time observations of a crack or notch propagating across the multilayers in a controlled setting are limited to mainly metal/ ceramic multilayered systems [37] [38] [39] . Fracture becomes more prominent at the nanoscale where the overall fracture properties depend on how a crack interacts with a single microstructural feature, like interfaces in the multilayered nanocomposites. With the interface morphologies of Cu/Nb PVD and ARB being distinctly different due to fabrication process (PVD vs. ARB), it would be important and crucial to study through direct observations how fracture interacts with these interfaces. To allow these direct observations, we adopt the approach of in situ testing of clamped beam geometry bending test with a notch across the layers [21, 37, 40] . The clamped beam geometry offers a controlled pure mode I or mixed mode loading by placing the indenter at fixed offsets from the notch, with the maximum principal stress acts along the line connecting the notch tip and the indenter under plane strain conditions. Instead of examining the fractured surfaces after the experiment is done, in situ testing allows for the simultaneous and synchronous recording of the load-displacement information together with the crack propagation events seen through the scanning electron microscope (SEM). Thus, we aim to understand how the interface influences the fracture profile of nanolayers through Cu/Nb PVD and ARB nanoscale multilayers.
Materials and methods
Nanolayers of Cu and Nb were made by two fabrication methods of physical vapor deposition (PVD) and accumulative roll bonding (ARB). The Cu/Nb PVD samples were fabricated at the Los Alamos National Laboratory [Center for Integrated Nanotechnologies (CINT)]. Whereas, the Cu/Nb ARB samples were obtained in collaboration with Dr. Irene Beyerlein and Dr. Nathan Mara (both formerly at the Los Alamos National Laboratory). We aim to study the Cu/Nb nanolayers with the same individual layer thickness for close comparison. However, the ARB process produces non-uniform individual layer thickness as shown in Fig. 2b such that even within the same samples, an individual layer thickness, for instance, 20 nm, could vary by a few to several nanometers. Thus, the samples that we study in the present manuscript are nominally 20 nm, but for PVD, it has a variation of not more than 2 nm, which in the case of ARB, it has variations of up to 3-4 nm.
Cu/Nb PVD nanolayers with alternating layers of Cu and Nb of an individual layer thickness of 20 nm in 1:1 ratio were synthesized by DC magnetron sputtering at room temperature on silicon substrates up to a total film thickness of~3 µm. Details of the sputter deposition parameters can be found elsewhere [12, [15] [16] [17] . The PVD nanolayers were observed to have a good surface quality by optical and electron microscopy as shown in Fig. 1b. Fig. 1a shows the top surface morphology of the Cu/Nb 20 nm nanolayers determined by atomic force microscopy, from which uniform surface grains can be identified. The surface layer is Cu, and the average grain size was found to be around 51.24 ± 2 nm. X-ray diffraction (XRD) measurements were performed on the as-deposited nanolayers using the Bruker D8 Discover by Bruker Inc., USA with Cu kα radiation. Preferential out-of-plane orientations of Cu < 111 > , Nb < 110 > were observed as shown in Fig. 1c which implies a Kurdjumov-Sachs (K-S) {111} Cu || {110} Nb texture with the (111) planes of fcc-Cu and (110) planes of bcc-Nb forming the interface between the two phases [16, 41] .
Starting with 1 mm thick Cu and Nb sheets, the Cu/Nb ARB nanolayers were synthesized by top-down repeated steps of rolling two sheets together, cutting into half and restacking of rolled sheets until 128 nm individual layer thickness was reached [19, 42] . The rolling direction was kept constant throughout the process. The nominal layer thickness of 20 nm was achieved via conventional rolling once a layer thickness of 128 nm was reached. The estimated plastic strain achieved after rolling down to 20 nm layer thickness is 11.04 with a rolling reduction of 99.999%. Fig. 2a shows an example of the final Cu/Nb ARB bulk sample. At the nanometer scale, it has been reported that the ARB process results in severely elongated grains with widths at least 10-50 times the thickness of the individual nanolayer [43] in the rolling direction (RD). Each resultant Cu/Nb ARB layer is one to two grains thick, and the in-plane grain size is large, averaging around 1 µm [44] . We also performed X-ray diffraction on the ARB samples along the RD direction and identified the Cu and Nb peaks as shown in Fig. 2c . The observed ARB peaks are found to be sharper than that of PVD peaks, indicative of the large grain size. Techniques such as wedge-mounting electron backscatter diffraction [44, 45] , neuron diffraction [46, 47] or transmission electron microscopy (TEM) [43, 48] have to be performed on these samples to understand both grain size and texture. Previous references [1, 43] done by neutron diffraction and TEM observed a {112} Cu || {112} Nb < 110 > fcc || < 111 > bcc interface planes with K-S orientation relationship.
The hardness and indentation modulus of Cu/Nb PVD and ARB nanolayers were measured using the Hysitron Triboindenter TI 950 from Bruker Inc, USA using a Berkovich tip in continuous stiffness measurement mode. The calibration of the contact area of the Berkovich tip was done with the fused quartz standard sample. The hardness and indentation moduli were calculated using the OliverPharr method [49] . The tests were performed in load control mode up to a maximum load of 7500 μN with a loading rate of 100 µN/s and a hold time of 5 s. The individual spacing between two indents was 30 µm. The results are shown in Figs. 1d and 2d. The hardness of Cu/Nb PVD and ARB 20 nm nanolayers were evaluated to be 4.39 ± 0.08 GPa and 2.72 ± 0.15 GPa respectively, similar to what was observed in [1] . The indentation moduli of the Cu/Nb PVD and ARB nanolayer were evaluated to be 86.99 ± 1.05 GPa and 93.79 ± 5.69 GPa, respectively.
FEI Nova Nanolab dual-beam focused ion beam (FIB) at the Microelectronics Reliability & Characterization Laboratory at the Nanyang Technological University (NTU), Singapore was utilized to fabricate the microbeams in a clamped beam geometry. Special care was taken to minimize the defect introduction from the FIB process. For the Cu/Nb ARB sample, the top surface was polished to reduce the introduction of inherent microcracks into the beams. Further, the beams were cut along the rolling direction of the Cu/Nb ARB sample. For the Cu/Nb PVD sample, the silicon substrate was first milled from the edge to free the film from the substrate. Following that, both ARB and PVD beams were milled from the edge of the sample using 30 kV with a higher current for coarse cuts to create the clamped beam geometry. A lower current was used for the finer cut and polishing to the final dimensions. The center notches were milled at 10 pA current as one cut across the width of the beam. This process resulted in the back notch being smaller in width and height than the front notch. The dimensions of the microbeams were measured using the JEOL field emission scanning electron microscope (FESEM) (JSM-7600F). The fabricated Cu/Nb PVD beams were of the length of 29 µm, the width of 5 µm and thickness of 1.6 µm or 1.5 µm respectively. The Cu/Nb ARB beams were of the length of 40 µm, the width of 5 µm and thickness of 2 µm or 4 µm respectively as detailed in Table 1 . Figs. 3 and 4 show the structure of the fabricated Cu/Nb PVD and ARB beams. The beam dimensions were chosen based on satisfying both plane strain and small-scale yielding criteria [40, 50] . The low gradient height (H/T) values allow for a stable crack growth for the clamped beam configuration and the large L/T values prevent edge cracking of the beams.
Experimental setup
The in situ mechanical experiments were carried out inside the JEOL FESEM (JSM-7600F) using a PI-85 SEM picoindenter (Bruker Inc., USA) with a 20 mN maximum load transducer. Two beams were tested for each material system. The beams were loaded using a conical flat tip of 5 µm diameter and carried out in displacement control mode. A constant loading displacement rate of 5 nm/s with a Q-control of 0.2, an integral gain of 0.2, a derivative gain of 1 and a specific preload was maintained for all experiments. The load-displacement data and the real-time video of the experiments were synchronized and captured during the experiment using a frame grabber with the TriboScan software (Bruker Inc., USA). Care was taken to perform drift correction before the experiment started and corrected to the final load-displacement measurements.
Results

Cu/Nb PVD beams
A sudden, catastrophic fracture event was observed for the Cu/Nb PVD beams when loaded in bending, much as we expect in a typical brittle fracture. Fig. 5 shows the key frames from the in situ mechanical clamped beam bending experiment of one of the beams from Supplementary Video 1 (S1). The beam experienced relatively little, or no plastic deformation with the shape of the notch remained the same throughout the experiment. At the peak load, the beam experienced a sudden catastrophic fracture event without any sign of a crack from the notch, leading to final failure of the beam. The resulting crack propagated nearly parallel to the direction of the applied load across the full beam as seen in Figs. 5c and 6a. The resultant load-displacement curve in Fig. 7a shows a constant stiffness slope (~1.3 µN/nm) up to a maximum load of~1100 µN with no sign of strain softening. The loaddisplacement curves of both beams are presented in the same figure to illustrate that the initial stiffness remains more or less the same until crack initiation with no sign of plasticity taking place. Fig. 6a-d show more complete fracture surfaces and morphologies from different angles/perspective. It is evident that the crack propagates along the columnar grain boundaries, resulting in intergranular brittle failure. No cracks were observed at the supports of the beam post-experiment.
Cu/Nb ARB beams
More involved fracture events were observed during beam bending for the Cu/Nb ARB beams of different thicknesses, 2 and 4 µm. Extensive plastic deformation was observed ahead of the crack. When the tip was being loaded onto the beam, a short linear load-displacement region was observed before the large plastic deformation, as shown in Fig. 7b. Fig. 8 shows the key frames from Supplementary Video 2 (S2), which shows the 4 µm thick beam. The initially sharp notch appeared to be blunted with extensive plastic deformation. The notch widened from the 120 nm up to~1100 nm as seen from Fig. 8a and b, while the notch height remained the same. The notch widening was equivalent to an increase of~820% strain. Soon, the beam began to crack from the back as seen from video S2, propagating through the beam as seen in Fig. 8c and d. This crack was stable, resisting further extension until the applied load was increased. Further, the crack traveled perpendicular to the interfaces. Towards the end, a shear instability was formed, leading the crack along this shear instability to its final failure. Fig. 7b shows the resultant load-displacement graphs of two beams of different thicknesses (2 µm and 4 µm) with a growing crack. Three regions could be identified from the plot -(a) the initial linear elastic slope, (b) the notch widening phase and (c) crack initiation and fracture along the shear instability. The graph depicted a typical ductile plastic fracture. For the thinner 2 µm beam (graph in red), the notch widening was not as much as 4 µm thick beam but followed the similar trend with a lower max load as seen in Supplementary Video 3 (S3) . No cracking was observed at the end supports for both beams at the end of the test. From the broken surfaces of the Cu/Nb ARB 4 µm beam in Fig. 9 , the Cu/Nb ARB beams had gone through extensive plastic deformation followed by a ductile fracture.
Discussion
Cu/Nb nanolayers of two different crystallographic interfaces resulted in contrasting fracture behaviors -a sudden catastrophic fracture event typical of brittle fracture for Cu/Nb PVD beams and fracture events signified by extensive plastic deformation typical of ductile fracture for Cu/Nb ARB beams. The following reasons are considered and their coupling effects between them: (1) the effect of the multilayered interface; (2) the effect of the columnar grain boundary and (3) the effect of beam thickness and position of the indenter tip on the fracture.
Effect of the multilayered interface
It has been well-established that the Cu/Nb nanolayers experience three types of dislocation strengthening mechanisms based on their individual layer thicknesses [52] . They are the Hall-Petch strengthening through dislocation pile-ups (layer thickness >~100 nm), the confined layer slip where dislocation loops glide parallel to the layers (~5 nm < layer thickness <~100 nm), and the slip transmission across the interface (layer thickness <~5 nm). The transitions at which a particular dislocation strengthening mechanism occurs vary for Cu/Nb PVD and ARB nanolayers with the transitions for ARB nanolayers happening at higher layer thicknesses due to the {112} Cu || {112} Nb crystallographic interface and the propensity to twin at a layer thickness below 50 nm [27, 28, 47] . At 20 nm individual layer thickness, there is an inevitable competition between the confined layer slip mechanism [2] and the interface crossing mechanism [53, 54] for both types of Cu/Nb nanolayers. From the two relationships, the interface barrier strength decreases rapidly when h~= 20 nm for Cu/Nb nanolayers. Once the shear strength required for confined layer slip exceeds the interface barrier strength, this would favor dislocation transmission across the layer interface to accommodate plastic deformation for both Cu/Nb ARB and PVD nanolayers.
There are three Cu {111} planes and five Nb {110} planes to be considered for Cu/Nb nanolayers. However, the active slip planes in Cu and Nb are not parallel. There is only one set of {111} Cu and {110} Nb glide planes that have a common trace of intersection in the interface plane -the (111) Cu and (1 0 1) Nb planes for the Cu/Nb PVD interface [48] . This interface also has a relatively low interfacial shear resistance that traps dislocations and makes it difficult to transmit across the interface [11] . Whereas the Cu/Nb ARB interface is comprised of a regular array of atomic-scale facets [43] and presents misfit dislocations that can facilitate dislocation nucleation. The most aligned slip planes along this interface are (111) Cu plane with (101) Nb plane [48] . Molecular simulations by Demkowicz et al. [22] and Wang et al. [29] suggest that a dislocation that has been absorbed by the ARB interface will be more likely to transmit rather than spread within the interface planes, resulting in a higher interface shear resistance. Further, interface shear along the rolling direction (RD) in these beams is also unlikely [22] due to the Cu/Nb ARB samples consist of only one set of misfit dislocations whose Burgers vector lies entirely within the interface plane (Set 3 [29] ) that is aligned with the transverse direction. These molecular dynamic simulations conclude that the interface shear is more likely along the transverse direction [21, 22, 29, 55] .
The Cu/Nb ARB beams experience significant fracture events of notch widening, crack initiation and propagation and final fracture along a shear instability. The large notch widening in the beams is due to plastic deformations emitting within the layers below the notch tip, attempting to blunt the crack tip [56] . The dislocations are able to emit in the absence of confinement away from the crack tip, lowering the stress at the crack tip and suppressing cleavage as much as possible. However, these reasons alone do not fully explain the significant notch widening up to 800% for 4 µm beam and 600% for 2 µm beam as indicated in Fig. 8a-c 
and the Supplementary Videos 2 and 3 (S2 and S3).
Post fracture of one of the beams from Fig. 9 shows that the 600-800% widening of the notches is only occurring at the edges, not at the center of the beam which saw limited widening. This uneven widening might be due to the asymmetric loading of the ARB beams which will be elaborated in the later section.
In a layered material, the dislocations are confined by the adjacent less ductile layers. These confined dislocations send a back stress to the crack tip which impedes further dislocation emission [56] . After some extent of blunting, the applied stress intensity increases till it reaches the cohesive strength of the multilayered beam, leading to a crack formation and cleavage fracture. This is observed when the ARB multilayer starts to fail by necking. Thus, the crack starts to initiate from the back, propagating through the beam as seen in Fig. 8d . Once the plastic zone approaches the other side of the beam (i.e., the bottom of the beam), the tip of the notch starts to interact with it. This interaction can be associated with the formation of a shear instability as shown in Fig. 8e . The ARB interface, known to have a high interface shear strength compared to the PVD interface, permits slip transmission and thus promotes nearly crystallographic slip bands [48] . The crack continues to grow along the shear instability, as shown in Fig. 8e and f. This crack extends all the way through the remaining beam thickness to its final failure, more immediately for the thinner 2 µm beam (as shown in Supplementary Video S3). A similar shear band failure was observed during the microcompression of Cu/Nb ARB pillars [28] . As a result, a ductile fracture is observed for the Cu/Nb ARB beams due to the dislocation plasticity behavior at the Cu/Nb ARB 20 nm interface in the nanolayers.
In contrast with the Cu/Nb ARB beams as described above, the Cu/ Nb PVD beams experience observed sudden catastrophic fracture events typical of brittle fracture in the present experiment. Earlier Cu/Nb multilayer experiments with nanoindentation [27] and micropillar compression [7, 8, [24] [25] [26] had observed significant plasticity in the Cu/ Nb nanolayer samples due to the influence of the multilayered interface. The load-displacement curves as shown in Fig. 7a exhibit a linear slope followed by sample fracture with no sign of strain softening. Further, from the Supplementary Video 1 (S1), there was no sign of slip band or shear instability being formed before fracture unlike what was observed in the Cu/Nb micropillar compression (successive ex situ micropillar compression) of the similar layer thickness [7, 8] . At 20 nm layer thickness, the Cu/Nb PVD beams most likely yielded during the experiment with the clamped beam configuration, exceeding the stress for transmission of single dislocations across the multilayered interface and causing a fracture to occur first along the columnar grain boundaries.
Influence of the columnar grain boundary
The above discussion assumes that the boundaries around the grains in the Cu/Nb ARB and PVD polycrystalline nanolayers are strong. If the cohesive strength of the grain boundaries were relatively weak, then the grain boundaries became the natural sources of cracking. The crack seemed to propagate through the columnar grain boundaries of the Cu/ Nb PVD beam without any sign of blunting at the interface, looking at the resultant fractured surface in Fig. 6b . Further, both Cu/Nb PVD and ARB multilayered films have similar in-plane grain heights following the individual layer thickness. However, only the Cu/Nb PVD beams observed the brittle catastrophic fracture. The fracture events signified by extensive plastic deformation typical of ductile materials was observed for the Cu/Nb ARB beams.
The grain size of the multilayers controls the number of grain boundaries present in each multilayer. For the PVD film, the grain size measured on the surface layer is representative of the subsequent multilayers below. If the cohesive strength of the grain boundaries around these grains is weaker than that of the multilayered interface, these grain boundaries become the natural sources of cracking. The Cu/ Nb PVD multilayered grains are columnar with their average size of 50 nm and in-plane height roughly equal to the nanolayer thickness of 20 nm. This value is small compared to the notch width of 120 nm. Whereas, the sizes of the elongated grains in Cu/Nb ARB (along the rolling direction, which is the relevant direction in this experiment) average about 1 µm [44] . This average grain size is much larger than the notch width of the Cu/Nb ARB beams which is about 200 nm with limited grain boundaries. For a length of 30-40 µm beam, there will be only 3-4 ARB Cu or Nb grains per layer in comparison to 600-800 PVD Cu or Nb grains per layer.
The fractography of Cu/Nb PVD multilayered film in Fig. 6 shows the availability of grain boundaries through the columnar grain layers for the crack to extend along the grain boundaries. Both layers had a small grain size making it difficult to deform by dislocation sliding. The columnar grains in Cu and Nb layers are aligned, forming an almost perpendicular fracture path to the tip loading condition [33] . Due to the stress concentration and a loss of the interface barrier at the crack tip, the deformation was confined to a local area which severely limited the plasticity of both Cu and Nb layers. This was similarly observed for Cu/ Cr multilayered films [51] . The sites of crack initiation became random, because of inhomogeneous distribution of the cohesive strength of the columnar grain boundaries; leading to the formation of the grain sized steps or cavities at the fracture surface of Cu/Nb PVD films.
It may also be possible that the sudden brittle crack propagation of the Cu/Nb PVD nanolayers might have been due to the formation of voids along the columnar grain boundaries. The sputtering process may have introduced cavities and impurities along the grain boundaries [57] . TEM observations of Cu/Nb PVD 20 nm multilayered films did not observe any grain boundary voids in as-deposited films [2] . However, under an applied load, nanovoids may nucleate and grow at the grain boundaries and triple junctions [58, 59] . The coalescence of these voids form microcracks that may connect to the main crack, resulting in the observed brittle fracture. Annealing to higher temperatures may help to minimize the presence of nanovoids and promote grain coarsening while maintaining the individual layer thickness without destroying the Cu/Nb layer interface because Cu/Nb nanolayers are known to be thermally stable [3] . This could enhance the fracture resistance of the Cu/Nb PVD films.
For the ARB beams, the influence of the grain boundaries is much lower compared to the multilayered interface. Large elongated grains in ARB beams thus lead to delayed fracture through dislocation plasticity mechanisms enabled by the multilayered interfaces as seen for the Cu/ Nb ARB beam fractures. However, small columnar grains smaller than the notch width in PVD nanolayers discouraged the influence of the interface and went ahead with the brittle intergranular fracture. Thus, multilayered nanocomposites are susceptible to fracture once a crack is formed depending on the size of the crack notch and the inherent grain size of the material. 
Supplementary Video 2 (S2)
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Effects of clamped beam geometry on fracture
Clamped beam geometry was chosen for this experiment due to the convenience of manufacturing the samples and in situ viewing of a controlled bending and fracture experiment from the notch. For most of the previous Cu/Nb PVD multilayer tensile and micropillar compression experiments [7, 8, [24] [25] [26] 33] , the Cu and Nb dislocations experience no constraints in the other directions except at the interfaces while the layers are being compressed during the micropillar compression. As a result, dislocation-mediated plasticity mechanisms such as interface sliding [25] and shear banding [26] were observed for these pillars.
Hattar et al. [34] described their in situ TEM straining experiments as planar straining of thin Cu/Nb multilayer sheets that might lead to plane stress conditions. The influence of a very thin film thickness in proportion to the width of the film resulted in a geometric instability condition that limits the ductility of the film and fractures eventually unlike the micropillar compressions. However, due to their large grain sizes, the crack propagates transgranularly and get hindered at the interfaces by deviating, layer thinning and blunting [34] . The clamped beam geometry of the beam with a notch is similar to that of the in situ TEM straining experiment but provides triaxial tensile stress at the crack tip. However, due to the influence of the small grain sizes in the Cu/Nb PVD multilayered beams over the size of the notch, the beams proceeded with the intergranular multiplication mechanisms over the influence of the interface.
Microindentation experiments at large displacements (> 1 µm) were performed on Cu/Nb nanolayers with a Berkovich indenter using the Hysitron TI950 nanoindenter by Bruker Inc., USA to explain the differences in multilayered film indentation with and without a substrate. One indentation area was on a delaminated Cu/Nb PVD film, and another indentation area had the Cu/Nb PVD film still attached to the silicon substrate. The results of both microindentation were observed under the SEM. Indentation on the Cu/Nb film attached to the substrate observed extensive plastic deformation of the Cu/Nb indent as shown in Fig. 10a . The rings around the indents, or shear bands, are only observed after the silicon substrate got fractured at a high displacement of 10 µm. These rings are not observed at lower displacements. Fig. 10c shows the indentation on the delaminated Cu/Nb film fracture in a brittle matter upon impact in the center of the sample at a similar displacement depth. Fig. 10b and d exhibited the crack propagation paths of the indentation crack along the grain boundaries of Cu/Nb multilayers similar to what was observed for the in situ bending test.
For the Cu/Nb ARB beams, there was also the effect of beam thickness, T (of 4 µm versus 2 µm) in the resulting ductile fracture. As mentioned earlier and in Fig. 9 , the widening of the notch width does not increase uniformly across the beam width for both beams. The original fibbed notch depth in the front and rear side surfaces of the beam are not equal with the back notch being smaller than the front notch. During the notch widening phase, the rotation of the different interfaces are activated resulting in the notch to widen significantly, creating a new narrow region in the middle of the beam. A crack is likely to originate from the highly stressed narrow region due to its large notch tip curvature. The crack extends into the following layer across the beam thickness first, restricting interface rotation and crack tip to travel deeper in the center of the beam.
Limited notch widening was observed for the 2 µm beam before crack initiation and fracture as seen in Supplementary Video 3. However, this widening was only seen at the front side of the beam surface only, while no significant notch widening is observed at the rear side surface post fracture. The observed absence of the interface rotation is due to the redeposited layer from the FIB process. This layer can restrict relative sliding of the layer across the beam thickness, which limits the rotation at the rear side of the beam. This redeposited layer results in a perpendicular crack at the rear side of the beam before extending to the front side, which allows both the crack growth mechanisms to be activated during the beam failure.
The beam widths for all the beams were chosen to match of that of the tip diameter of 5 µm to ensure that the full width of the beam will be aligned together with the tip and compressed from the center of the beam during the bending experiment. Due to the challenges of aligning the tip across the beam through our in situ setup, there is a possibility of torsional loading due to misalignment that might affect the actual deformation behavior of the beams. The truncated cone shape of the indenter tip can induce a significant vertical shear stress component near the notch tip if the tip alignment is not perfect. Normally, the tip is able to establish a full contact owing to plastic deformation near to tip edges and the shear force magnitude across the beam is significantly reduced. For the Cu/Nb PVD beams' brittle fracture, this is not the case with the presence of the shear force across the beam thickness. For a freestanding clamped beam of film, a surface step can be freely formed at its bottom surface as a result of sliding along the columnar grain boundaries. A large shear force is required to deform or break this film below the step, making grain boundary sliding difficult.
Further, no straightforward analytical solutions can be obtained for the determination of K I of the clamped beams unless finite element modeling (FEM) can be performed inclusive of the individual component mechanical properties, dislocation plasticity at the interfaces and grain size effects at this length scale. Existing stress intensity factor calculations have been done through extended FEM (XFEM) for only brittle materials in clamped beam configurations [37, 60] . Further work will need to be conducted to improve the experimental technique through the use of different tips (e.g., wedge tip), different beam widths and detailed analysis of our results to compute the beam fracture properties. However, the present manuscript has shown the advantages of obtaining important insights about fracture events and especially how fracture interacts with the interface, and other microstructural features that would otherwise not have been possible (or practical) just from analyzing the fracture surface in an ex situ beam bending/fracture test.
Conclusions
Through our in situ testing of clamped beam geometry bending test with a notch across Cu/Nb nanolayers fabricated by the two different methodologies of PVD and ARB, we observed the following differences in their fracture behavior of the multilayered beams before their final failure:
(1) A sudden, catastrophic fracture event was observed for the Cu/Nb PVD beams due to their small columnar grains and their cohesive strength of its grain boundaries over its multilayered interface. (2) Fracture events signified by extensive plastic deformation typical of ductile fracture were observed for Cu/Nb ARB beams (i.e., notch widening, crack initiation and failure) due to the influence of the multilayered interface. The large notch widening in the beams are due to plastic deformations emitting within the layers below the notch tip, blunting the crack tip. However, due to the back stress provided by the multilayered interface, a crack eventually forms in the Cu/Nb ARB beams and fractures. Further work on understanding the relationship between dislocation plasticity mechanisms due to the multilayered interface and grain size and shape created from the multilayer fabrication process will help in improving the mechanical properties of metallic multilayers, especially in fracture. This could contribute to the knowledge of designing materials that can exhibit enhanced strength with enhanced fracture properties.
